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Abstract: The strength of 9Cr steels, which is controlled by chemical composition and
microstructure, evolves significantly under high temperature loading. This paper presents a
temperature-independent, physically-based model for evolving yield strength, including the
interdependent effects of dislocations, solutes, precipitates and grain boundaries. The key roles
of solute and precipitate strengthening in 9Cr steels are successfully predicted. The measured
significant beneficial effect of up to 3 wt.% tungsten on solute strengthening, and hence, yield
strength are successfully predicted. The new model demonstrates that the reported strength
reduction in 9Cr-3W alloys under thermal aging can be primarily attributed to Laves phase
formation and associated depletion of tungsten solutes, consistent with microstructural
observations.

1. Introduction

The worldwide goal of cleaner and more sustainable energy production has led to (i) highly
flexible operation of conventional power plants, to supplement unpredictable renewable energy
sources, and (ii) higher plant operating temperatures and pressures, to improve efficiency. The
net result is an increase in thermal cycling of existing power plant with greater thermal
gradients, and hence, susceptibility of critical plant components to thermo-mechanical fatigue
(TMF), as well as accelerated creep, corrosion and oxidation. Thus, the range of mechanisms
of microstructural degradation is expanding due to the interactions of creep, fatigue and
oxidation, with the determination of continually evolving fundamental mechanical properties
such as yield strength becoming much more difficult.

9Cr steels are widely considered the optimum material for heavy wall power plant components
due to their relatively low coefficient of thermal expansion and cost and excellent high
temperature properties. The high strength of 9Cr steels is attributed to the complex precipitate
and solute-strengthened hierarchical microstructure. This hierarchical microstructure consists
of prior austenite grains, packets and blocks, demarcated by high angle grain boundaries
(HAGB:S), as illustrated schematically in Figure 1. It has been shown that this HAGB
microstructure exhibits a Hall-Petch type effect on yield strength in Fe-0.2C martensitic alloys
at room temperature, which is controlled by the mean block size [1]. The martensitic
transformation during heat treatment also leads to a high dislocation density (1x10 to 1x10%°
m?) and the formation of a low-angle boundary (LAB) dislocation substructure (e.g.
martensitic laths) within the blocks. Recovery, during tempering or service, results in
coarsening of the lath microstructure leading to lath coalescence, via LAB dislocation
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annihilation [2], or the formation of subgrains, where polygonisation of the microstructure
leads to the formation of a coarser, more equi-axed dislocation substructure [3]. Coarsening of
the LAB dislocation substructure is primarily driven by inelastic deformation at temperatures
below 600 °C [4]. However, under higher temperature or longer duration tempering conditions,
thermally-driven recovery of the LAB dislocation substructure can occur [5], leading to lath
coarsening or formation of a coarser subgrain microstructure.

In the "as-received' condition, precipitate strengthening is due to the presence of M23Cs carbides
(M =Cr, Fe, Mn, Mo, W) at boundaries and MX carbonitrides (M = Nb, V; X =C, N) dispersed
throughout the microstructure [6]. These particles generate an Orowan pinning mechanism to
retard the motion of dislocations [4,6] and to pin boundaries. Prolonged high temperature
exposure results in a coarsening of these precipitates and the formation of secondary phase
particles, such as Laves phase (Fe2Mo, Fe.W) and Z-phase (complex (Cr,Fe)(Nb,V)N nitrides)
particles [7]. The Laves phase particles form at the expense of Mo and W solutes, with the Z-
phase particles consuming the MX carbonitrides. Numerous authors have measured the
increase in mean precipitate diameter with creep and thermal aging [4,6,8].

Solid solution strengthening is another key source of strength in 9Cr alloys and is dominated
by the presence of Mo and W substitutional solute atoms within the microstructure. However,
other elements such as Cr, Mn and Si are known to provide significant strengthening in Fe-
alloys [9] and hence, potentially play a significant role in strengthening of 9Cr steels. The
interstitial atoms (B, C and N) predominantly form carbides (M23Cs particles) and carbonitrides
(MX particles) [10] and the level of strengthening via interstitials in 'as-received' 9Cr steels is
not as significant as the substitutional solute atoms. It has recently been shown that the addition
of up to 3 wt.% W in 9Cr steels (e.g. MarBN alloys) contributes up to 36% improvement of
yield strength compared to modified P91 steel [11,12]. This significant increase in yield
strength is attributed to the increased solute and precipitate hardening. Increased W content can
also retard carbide coarsening [8]. However, beyond 3 wt.% W, the ¢-ferrite volume fraction
exceeds acceptable levels for 9Cr steels, resulting in a dual phase material with reduced
precipitate and LAB strengthening [8]. The inclusion of small amounts of boron
(approximately 140 ppm [10]) can also reduce M23Cs carbide spacing via formation of a finer
distribution of more thermally stable M23(CB)s carbides and, hence, maintain a hierarchical
microstructure following welding [13]. This is crucial for the high creep strength of weldments.
It is also widely known that excessive Al in composition can result in AIN particle formation
at the expense of thermodynamically stable VN carbonitrides [14], a critical strengthening
mechanism for 9Cr steels. Thus, chemical composition represents a key input in the
determination of the performance and mechanical properties, such as yield strength, of 9Cr
steels. Similarly, heat treatment can have a significant effect on yield strength. Excessive
normalisation or tempering can lead to coarsened precipitate microstructures and precipitation
of additional inter-metallic phases [7], affecting grain size and dislocation density [5] and
leading to significant variations in LAB dimension [5].

Although a relatively homogeneous microstructure exists in parent material 9Cr steels,
manufacturing processes such as welding give rise to complex microstructural evolution
processes, leading to regions of martensite, a-ferrite, retained austenite and o-ferrite, as well as



significant deviations in precipitate and solute microstructures. In such heterogeneous and
irregular microstructures, determination of an accurate yield strength is difficult and further
complicated by a convoluted microstructural evolution during service. Thus, the complexity of
microstructural evolution in 9Cr steel weldments during creep-fatigue-oxidation deformation
requires the definition of yield strength from a physical basis.

The modelling of specific mechanisms contributing to yield strength in metallic alloys is well
established for a range of effects, such as the Peierls-Nabarro stress [15,16], Hall-Petch effect
[17,18], solid solution strengthening [9,19,20] and precipitate hardening [21]. These
strengthening mechanisms have been investigated for a range of alloys. For example, Morito
et al. [1] measured the effect of grain size on yield strength in low carbon martensitic alloys.
Shibata and co-workers [22] extended this experimental work to explicitly account for high-
and low-angle boundary contributions to yield strength via analysis of micro-bend tests. The
effect of phase was incorporated within a physically-based model for yield strength using a
rule of mixtures approach for Co-Ni alloys in the work of Wang et al. [23]. This work also
accounts for the key role of precipitates, solutes and the Hall-Petch effect. In terms of modelling
the yield strength of 9Cr steels from a physical basis, the model of Li [24] has been successfully
applied to room temperature behaviour of 'as received' P91. Yan et al. [25] have accounted for
the evolution of precipitates, laths and dislocations as a function of aging time on yield strength
in a 9Cr-3W-3Co alloy and Wang and co-workers [26] recently developed a multi-scale model
incorporating the effect of irradiation, MX precipitates and grain size in reduced-activation
ferritic-martensitic steels. Although a number of authors have accounted for a loss of
dislocation substructure due to LAB dislocation annihilation as a function of cycles under low-
cycle fatigue [2,27], no temperature-independent multi-mechanism framework currently exists
for predicting the effect of LAB strengthening and solute atoms from a physical basis in 9Cr
steels.

The approach of the current paper is to develop a chemical composition and microstructure-
driven framework for predicting yield strength in 9Cr steels. This model will account for key
strengthening and degradation mechanisms including (i) the inhomogeneous distribution of
precipitates in the microstructure and loss of precipitate strengthening, (ii) evolution of solid
solution strengthening and (iii) the role of material phase (martensite, retained austenite or o-
ferrite). The proposed model is validated against Ni-alloys for solid solution strengthening and
low carbon martensitic alloys to quantify the contribution of grain boundaries (GBs) and C
interstitials to yield strength. The model is then applied to 9Cr steels across a range of different
temperatures, compositions and loading histories to predict yield strength in such alloys and to
estimate the contribution of the individual strengthening mechanisms.

2. Methodology

As discussed by Kocks et al. [28], the yield stress of a metallic alloy consists of two distinct
contributions: (i) strength due to the presence of dislocations in the material, za, and (ii) the
contribution of obstacles such as particles and boundaries, g, to yield strength. The work of
Kocks also suggested that a microstructure-driven root mean square approach results in a more
accurate prediction of yield stress compared to a linear summation of the dislocation and



obstacle strengthening terms; this concept has also been verified for martensitic alloys at room
temperature [24]. Thus, in the present work, the yield stress is defined as:

o, = M (rf\ + Té )1/2 1)

where M is the Taylor factor. The contribution of dislocations is defined using a Taylor
hardening expression:

7, =a,ubyp )

where a1 is a material constant between 0.2 and 0.5, x« is temperature-dependent shear modulus,
b is magnitude of Burgers vector and p is dislocation density. The contribution of particles and
GBs to yield strength is defined as the sum of the individual obstacle strengthening terms:

Tg = TpN + Tbd + Tss + Tph + Tin 3)

where zpn IS the Peierls-Nabarro stress, g is the contribution of GBs to strength, zss is the
strength provided by solute atoms, zph is the contribution of precipitates to yield strength and
pn IS Strengthening due to interstitial atoms. It is assumed here that the materials have not
undergone work hardening and hence, this term is neglected. The following sections detail the
contributions of the Peierls-Nabarro stress, GBs, solutes and precipitates to the yield stress.

2.1. Peierls-Nabarro Stress

The Peierls-Nabarro stress is the shear stress required to move a dislocation in the absence of
other strengthening mechanisms (i.e. intrinsic strength of a metal). Peierls [15] defined this
stress to be a function of the width of a dislocation. However, as discussed by Foreman et al.
[29], the model of Peierls under-predicted the width of a dislocation and hence, compared with
real crystals, the Peierls model over-predicted the intrinsic strength of a material. Thus, the
model of Nabarro [16] is used in the present work:
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where v is Poisson’s ratio.
2.2.  Contribution of grain boundaries to yield strength

HAGBs cause pinning of dislocations and hence, retardation of dislocations and resistance to
inelastic deformation. This HAGB strengthening is simulated using the well-known Hall-Petch
equation. Based on the measured data of Sakui et al. [30,31] for pure Fe, an exponential
dependence of the Hall-Petch constant, kxp, on temperature is observed (see Figure 2). Thus,
the HAGB contribution to strength is:

_ kup(T) _ -T\ 1
THp = 4P = kyp,0€Xp 7v) g %)



where kup,o is the Hall-Petch constant at 0 K, T™ is a constant, dg is grain size and nup is the
Hall-Petch exponent with a value of approximately %. In a material with a hierarchical
microstructure, dq is assumed to be the minimum HAGB dimension (the mean block width,
dv). In such materials, the contribution of GBs to yield strength must also account for the
strengthening due to the LAB dislocation substructure, z.ag. Thus, the overall increase in yield
stress due to GBs is:

Tod = Trp T T1aB (6)

As discussed by Maruyama et al. [32], z.as Is inversely proportional to the dimension of the
LAB, m . Thus, the contribution to yield strength from the LAB dislocation substructure is:
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where o2 IS a material parameter with a value between 2 and 3. The LAB dislocation
substructure can be in either subgrain (equi-axed LABs) or martensitic lath (elongated subgrain
LABs) form, as illustrated schematically in Figure 3. The maximum dimension of the
martensitic lath, I, is assumed to be 1/3 of the packet width, dp. Thus, an equivalent LAB
dimension is defined using the mean slip length model of Naylor [33]:

m=2 {Wln[tan(arccos(w/ 1))+ I—WJ +1 % -1 arccos(lwﬂ (8)

T

where w is the LAB width. The right-hand side of Equation (8) reduces to w for an equi-axed
subgrain microstructure (i.e. for | = w).

2.3.  Solid solution hardening

Solute atoms generate a local stress field in the matrix material and hence, increase the shear
stress required to move dislocations in the vicinity of solute atoms. The local stress field is
produced via interactions with solvent atoms, including (i) atomic size mismatch, (ii) shear
modulus mismatch, (iii) electrical interaction and (iv) chemical interactions. In metallic alloys,
the contribution of solute atoms to yield strength is dominated by atomic size and shear
modulus mismatch. Solute atoms can exist in either binary or multi-component solid solution
form and typically follow the Hume-Rothery rules (i.e. the optimum solute strengthening is
provided by solute atoms typically with an atomic size mismatch of less than 15%). The
contribution of m multi-component substitutional solutes to the overall yield strength is [35]:

Tsps = Z Tsz,i (9)

where the constant p is the inverse of the concentration exponent and zss,i is the increase in shear
stress due to solute i. The concentration exponent, p, varies for dilute and concentrated
solutions (e.g. 3/2 for concentrated solutions and 2 for dilute solutions). To evaluate the shear
stress contribution due to solute atoms, the Labusch solid solution strengthening model [20] is
used:



A(F 13 . 2/3
Tsi =7 | — TI (10)
" bl I ly;

where A is a constant with a value of approximately unity, Fm; is maximum solute atom-
dislocation interaction force, @ is the range of interaction, /" is dislocation line tension, c;i is
solute concentration and lo;i is the mean spacing of solute i. In the present work, it is assumed
that a dislocation needs to extend approximately 2 to 3 lattice spacings before yielding occurs
[36] and hence @ is in the range of 2d to 3d, where d is the lattice spacing. The dislocation line
tension is approximately xb?/2 and the mean spacing of solutes, estimated using the geometry
presented in Figure 4, is:
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where bmtx is magnitude of Burgers vector for matrix material and bsol,i is magnitude of Burgers
vector for solute i. The maximum solute atom-dislocation interaction force, Fm,j, is [37]:
bZ
=

mi = 6L (12)
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where ¢ is a numerical constant and e is the misfit parameter, defined as:
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where &y is the lattice misfit parameter (0b/0cx1/b), ¢, is the shear modulus misfit parameter
(Ouldcex1li) and « is a constant in the range of 3 to 15. The specific material properties x, v and
b are determined using a rule of mixtures approach. Table 1 contains the physical parameters
[38] used to determine the solid solution strengthening misfit parameters. Vegard's law is used
to define the evolution of lattice parameters with solute concentration. The phase-specific
material parameters are defined in Table 2.

The presence of C and N atoms at interstitial crystal lattice sites is accounted for using the
simplified assumption that the increase in strength is proportional to the composition in wt.%
to the power of 1/2 [40]:

r :%{kc [Cwt.9)]” +k, [N(wt.96)}" | (14)

in

where kc and ky are the hardening constants for C and N interstitials, respectively.
2.4. Precipitate Strengthening

Assuming that the contribution of chemical precipitate strengthening is negligible and that the
mean radii of particles exceeds the critical radius for transition from shearing to dislocation



bowing, the method of strengthening via precipitates in the microstructure is due to pinning of
dislocations (Orowan strengthening). Hence, the contribution to yield strength by precipitates
is defined using the Ashby-Orowan equation [21]:

ub r
Tph = 00457|n6 (15)

where 4 is mean inter-particle spacing and r is particle radius.

In 9Cr steels, secondary phase particles, which form during the heat treatment process and
evolve during high temperature- and strain-dependent loading, are a key strengthening
mechanism. In the initial microstructure, it is assumed that two primary types of precipitates
are formed, (i) M23Ce carbides dispersed along boundaries and (ii) MX carbonitrides distributed
uniformly throughout the microstructure. Hence, to account for the heterogeneous distribution
of carbides within the microstructure of 9Cr steels, a rule of mixtures approach is used to define
the contribution of precipitates to the yield strength:

T = (1_ fW - fg )Tph,INT +(fw + fg )Tph,BND (16)

where zpn,nT IS the proportion of the precipitate yield strength in the martensitic lath interiors,
7ph,BND IS the precipitate yield strength at the GBs and fg and f are the volume fractions of the
high-angle and low-angle boundaries, respectively. The definitions of fw and fq are described
in detail elsewhere [27]. Application of Equation (16) in conjunction with Equation (15) for
9Cr steels requires definition of (i) mean particle spacing, 4, and (ii) mean particle radius, r, for
each region within a multi-precipitate type system. This is detailed in Appendix A.

3. Results and Discussion
3.1.  Simulating solid solution strengthening in Ni-based alloys

To validate the performance of the solid solution strengthening model, predictions of yield
strength in pure nickel and nickel binary alloys are performed and compared with the
experimental data of Mishima et al. [41]. The tests were conducted at 77 K and the Ni-based
alloys are considered to be precipitate- and interstitial-free fcc microstructures. Hence,
martensitic lath strengthening, precipitate hardening and interstitial solid solution
strengthening are not considered for the Ni-alloy predictions.

The dislocation density of pure Ni is in the range of 2.88x10'? to 1.0x10'® m [42,43], with
the grain size of the Ni-alloys within the 100 to 300 pm range [41]. Mean values of 6.44x10%?
m2 and 200 um are assumed for dislocation density and grain size, respectively. Furthermore,
Fe is considered to be in the y-phase, with the magnitude of Burgers vector as presented in
Figure 5. The Hall-Petch constant is identified from the slope of yield strength versus the
inverse of grain size as presented in Figure 6, resulting in a mean value of 0.233 MPa.m*?2,

Using Equations (2), (4) and (5), the contributions of the dislocations, the Peierls-Nabarro
stress and GBs to yield strength are estimated to be 24+7 MPa, 24 MPa and 5.3+1.5 MPa,
respectively, for pure Ni. Hence, the total yield stress is estimated at 116+17 MPa, which is in
close agreement with the mean measured value of 104 MPa [41]. The predicted tolerance of
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+17 MPa for pure Ni yield strength is achieved via consideration of the typical ranges of
measured dislocation density and grain size in pure Ni [41,42,43].

Figure 7 presents a comparison of the predicted and experimentally observed [41] variation in
yield strength as a function of solute concentration. In general, close correlation is achieved
with the measured data for the majority of solute elements, illustrating the ability of the
proposed model to predict the contribution of solid solution strengthening in fcc Ni-based
alloys. In particular, the incorporation of the new solute spacing function of Equation (11)
enables the general trend and shape of the yield strength as a function of concentration to be
captured. The slight over-prediction of strength for solute concentrations in excess of 8 at.% in
the Ni-Ti and Ni-W alloys may be related to the potential formation of NizTi and NisW particles
in such steels and hence, a non-uniform and reduced distribution of solute atoms in the fcc Ni
matrix. The model-predicted error bars in Figure 7 represent the reported variation of (i)
dislocation density, (ii) kap and (iii) grain size for the range of Ni alloys [41]. It should also be
noted that the small variations in chemical composition are not accounted for in the choice of
knp. Figure 7d presents a direct comparison of the experimentally-measured yield strength with
the model-predicted values. The maximum error is 20%, with a mean error of 9% and standard
deviation of 6%.

Although a wide range of models exist for solid solution strengthening [9,19,37], the statistical
Nabarro-Labusch model of Equation (10), including a modification to incorporate the
definition of mean spacing of solutes presented in Equation (11), is thus found to predict the
contribution of solid solution strengthening to a high degree of accuracy. Leyson and Curtin
[48] have shown that the increase in solute shear strength is proportional to ¢® when the
concentration is relatively high, i.e. in excess of 100 to 200 ppm (or 0.1 to 0.2 at.%), which is
the case for the substitutional elements of the Ni alloys presented here. This is also the case for
solid solution strengthening in 9Cr steels, as discussed below.

3.2.  Predicting the contribution of high and low-angle boundaries to yield strength

The effect of hierarchical microstructure on the yield strength of martensitic alloys is
determined here via consideration of measured values in low carbon alloys at room
temperature. The purpose of this study is to (i) calibrate the bcc model parameters («, ¢ and o)
for application to 9Cr steels, (ii) determine the constant kc and (iii) investigate the contribution
of the individual strengthening mechanisms to yield strength in martensitic alloys. Specifically,
the model will be applied to:

1. Quantify LAB and HAGB contributions to yield strength in an Fe-23Ni martensitic
alloy via comparison with (i) a coarse-grained, low dislocation density ferritic alloy
(Fe-1.5Mn(Low p)) without a hierarchical microstructure, (ii) a high dislocation density
ferritic alloy (Fe-1.5Mn(High p)) without consideration of the HAGBs [22] and (iii)
micro-bend test results on Fe-23Ni martensitic alloys with and without a block
boundary [22].

2. Simulate C interstitial solute strengthening in Fe-C alloys via comparison with the
experimental data of Krauss [40].



3. Predict the effect of HAGB dimension on yield strength in Fe-0.2C and Fe-0.2C-2Mn
alloys as measured by Morito et al. [1], and to validate the model-predicted contribution
of Mn solute atoms.

The chemical compositions of the various alloys are presented in Table 3. The microstructures
of the Fe-23Ni and Fe-C alloys are lath martensite [49,50]. The lath width for Fe-23Ni is 0.23
um [22]. The lath width of the Fe-0.2C alloy is estimated at 0.26 um [51] and 0.23 um for the
Fe-0.2C-2Mn alloy [1]. The dislocation density for Fe-1.5Mn(High p) ferritic and the Fe-23Ni
and Fe-C martensitic alloys are taken from measured results [22, 49], with the dislocation
density of Fe-1.5Mn(Low p) ferrite approximated as 1.0x10'® m [7]. For the Fe-23Ni alloy,
db is 2.46 pm and kup is 0.21 MPa.mY2 [22]. The constant kup for the Fe-1.5Mn and Fe-C alloys
is set at 0.18 MPa.m'2, the value for pure Fe at room temperature [30]. The solute strengthening
constants, a and ¢, are identified using a best fit with Fe-23Ni experimental data, with the
model parameters for Fe alloys presented in Table 2.

Figure 8a presents a comparison of the predicted and experimentally observed yield strengths
in (i) coarse-grained ferritic Fe-1.5Mn(Low p) alloy (no martensitic laths), (i) Fe-1.5Mn(High
p) ferrite without GBs and martensitic laths, (iii) Fe-23Ni martensitic alloy without a HAGB
and (iii) Fe-23Ni martensitic alloy with a HAGB (Fe-23Ni(HAGB)). In all cases, an accurate
correlation with the experimentally observed yield strength values is achieved, with the error
bars reflecting the measured variation in dislocation density as discussed in detail by Morito et
al. [49]. Figure 8b presents a breakdown of the shear strength contributions to yield strength.
Compared with the Fe-1.5Mn(Low p) coarse-grained ferritic alloy, an increase in yield strength
is predicted for the Fe-1.5Mn(High p) due to the significant increase in dislocation density. A
significant increase in yield strength is predicted for the martensitic Fe-23Ni alloys compared
with the Fe-1.5Mn ferritic alloys, due predominantly to the hierarchical microstructure
(combination of LAB strengthening and associated high dislocation density) and solid solution
strengthening provided by the Ni solute atoms. A comparison of the model predicted yield
strength with and without the HAGB microstructure highlights that the contribution of the
HAGB strengthening is approximately equivalent to that of the martensitic lath microstructure
for the specific block size considered here. This result illustrates the importance of the different
strengthening mechanisms present in martensitic alloys and the requirement to account for
these within a physically-based modelling methodology for martensitic alloys.

Figure 9a presents the measured effect of carbon content on microstructural properties in Fe-C
steels. The dislocation density increases with increasing carbon content [49] due to the
decreasing block and lath width, as measured in [52]. Below a carbon content of approximately
0.12 wt.%, the microstructure is predominantly ferritic [40]. Figure 9b presents application of
the proposed model to Fe-C alloys as a function of carbon content. Using a least squares
approach, an optimised value of 551 MPa.wt.% 2 is identified for the carbon interstitial
strengthening constant, kc. The proposed modelling methodology results in close correlation
with measured data for both ferritic and martensitic Fe-C alloys. The identified value of k¢ is
substantially lower than the value of 1310 MPa.wt.% 2 identified by Krauss [40]. This
difference is due to the incorporation of the carbon-dependent microstructure of Fe-C alloys



(see Figure 9a) within the yield strength model, further highlighting the importance of
dislocation strengthening and GB hardening in modelling hierarchical microstructures.

The model is applied to Fe-0.2C and Fe-0.2C-Mn alloys across a range of block sizes in Figure
10. It has been shown that dislocation density and lath width are largely independent of block
size in Fe-0.2C and Fe-0.2C-Mn alloys [1]. Furthermore, the substitutional and interstitial solid
solution strengthening effect remains constant with decreasing grain size as it is assumed that
precipitation of secondary phase particles does not occur. The model predicts excellent
correlation with experimental data across all block widths. At large block sizes, where the
effective strengthening of the blocks is minimal, the model predicts yield stresses of 520 MPa
and 782 MPa for Fe-0.2C and Fe-0.2-2Mn, respectively. These values are within 5% of a linear
extrapolation of the measured data of Morito et al. [1] to higher block widths, where the Hall-
Petch contribution is negligible. The results of Figure 10a also illustrate the ability of the model
to predict the contribution of the Mn solute atoms to yield strength. A breakdown of the
obstacle shear stress contributions to yield strength is presented in Figure 10b. Based on the
measured microstructures, the difference in predicted yield strength between the two alloys is
due to (i) 2 wt.% Mn solute atoms, (ii) dislocation density and (iii) LAB strengthening. The
contributions to solid solution strengthening obtained using the modified Labusch model
presented in Equation (10) are in reasonably close agreement with those obtained using the
Lacy and Gensamer [9] constants, further validating the proposed solid solution strengthening
model. The estimated Peierls-Nabarro stress in the range of 30 to 33 MPa is consistent with
measured values of between 13 and 55 MPa [53].

3.3.  Physically-based yield strength modelling of 9Cr steels

The proposed physically-based yield strength model is applied to 9Cr steels across a range of
chemical compositions and temperatures. Uniaxial tensile tests were performed on two 9Cr
alloys, namely P91 steel and MarBN (a new 9Cr steel with up to 3 wt.% W and Co with
controlled levels of B and N), at temperatures in the range of 293 K to 923 K. The typical
chemical compositions of both alloys are presented in Table 4. The MarBN alloy presented
here is in cast form. The temperature-dependent tensile response of the P91 alloy is presented
in Figure 11. Figure 12 presents a comparison of the stress-strain responses of the two 9Cr
alloys, with a significant increase in strength observed for MarBN when compared with P91.
For 9Cr steels, it is clear that the material stress-strain response is highly non-linear for a 0.2%
proof strength. It is evident from Figures 11 and 12 that a 0.2% offset definition of yield
strength is not appropriate here (due to significant non-linearity). Hence, we define yield
strength in terms of 0.02% offset in this paper.

The measured microstructures of rolled P91 and cast MarBN are presented in Figure 13.
MarBN has a coarser hierarchical microstructure compared to the rolled P91 steel as a result
of the heat treatment process. The mean block sizes of P91 and MarBN alloys are estimated at
6.7 um [54] and 14 um, respectively. Both alloys exhibit a martensitic lath dislocation
substructure. For example, the transmission electron microscopy (TEM) image presented in
Figure 14 shows this for MarBN. Thus, the 36% increase in yield strength for MarBN (see
Figure 12) cannot be attributed to a Hall-Petch type mechanism. The martensitic lath width is
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0.7 um for P91 [2] and 0.325 um for MarBN [25]. The dislocation density is 1.6x10%* m for
P91 [2] and 2.65x10'* m for MarBN [55]. The composition of atoms in solution is presented
in Figure 15 for P91 (estimated using the nominal chemical composition presented in Table 4
minus the composition of precipitates) and MarBN (determined using ThermoCalc simulations
[56]), respectively. The corresponding individual element contributions to zss are also shown
in Figure 15 for P91 and MarBN at temperatures of 273 K and 873 K. The solute strengthening
is dominated by Mo and W for P91 and MarBN, respectively, with a significantly increased
solute contribution predicted for MarBN (zss = 29.9 MPa at 273 K) compared with P91 (zss =
19.5 MPa at 273 K). It is assumed that the levels of dissolved carbon and nitrogen are quite
small (approximately 6x10° wt.% and 1x10° wt.%, respectively [24]) and thus contribute less
than 2 MPa to the yield strength at room temperature. Hence, for 9Cr steels containing carbide
and carbonitride precipitates, the effect of C and N interstitials is assumed to be minimal for
‘as received' 9Cr steels. The volume fraction and radii of the M23Cs and MX (VN and NbC)
precipitates are taken from published data for similar materials [7,8,12,32,57] and presented in
Table 5. The temperature-dependencies of shear modulus, determined from the experimental
data of Figure 12, and Poisson's ratio (determined based on bulk and shear modulus data [58])
are illustrated in Figure 16.

Application of the proposed model here to 9Cr steels is presented in Figure 17 across a range
of temperatures. Given that MarBN has a significantly coarser HAGB microstructure, one
might superficially expect it to have a lower strength than P91. However, it has an increased
yield strength which is attributed to (i) higher solid solution strengthening, as highlighted in
Figure 15, (ii) slightly higher dislocation strengthening and (iii) higher shear modulus with up
to 3 wt.% W in the composition (e.g. see Table 1). The higher solid solution strengthening in
MarBN with increasing temperature is predominantly due to the W solutes (Figure 15). Figure
15 also shows a large solid solution strengthening contribution from Mn, Ni and Si solute atoms
in 9Cr steels, due to the high lattice mismatch between Fe matrix and Mn and Ni solute atoms
and a significant modulus mismatch between Si and Fe atoms. The inclusion of 3 wt.% Co
within the MarBN microstructure is determined to cause only a small increase in yield strength
as the shear modulus and lattice parameter of Co are similar to those of Fe atoms.

Figure 18 presents a breakdown of the mechanistic contributions to strength across a range of
temperatures for MarBN. A key finding is that obstacle strengthening in 9Cr steels is
contributed to almost equally by the different key mechanisms represented here. This is even
more important for materials under typical service conditions with microstructure evolution.
For example, loss of dislocation substructure and carbide coarsening occur under creep loading,
and depletion of solute atoms occurs under thermal aging, leading to significant effects on yield
strength.

3.4.  The role of W on yield strength

The proposed model is applied to predict the role of W on the yield strength of 9Cr steels, both
at room temperature and at 873 K, as measured by Park et al. [12]. Park et al. [12] present the
compositions; the heat treatment procedure consists of normalisation at 1323 K followed by
tempering for 1 hr at 1023 K.
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The precipitate microstructure is a function of the W content; increasing W content reduces
precipitate diameter and retards particle coarsening at high temperatures [59], hence, retaining
a fine precipitate microstructure during tempering. Using the data of Park et al. [12], an
effective particle radius, refr, was determined for each precipitate type based on the measured

particle area, A, i.e. I, =+ A/m . The volume fractions of the precipitates are determined from

the phase diagrams generated by Srinivas Prasad et al. [7], in conjunction with MX carbonitride
compositions for 9Cr steels [60,61]. The volume fractions of NbC and VN carbonitrides are
assumed to be dependent on W content [60]; increasing W increases the NbC and VN volume
fractions. Although there is a decrease in the volume fraction of Mo23Cs carbides with
increasing W content, the increase in M23Cs carbide volume fraction is expected due to the
formation of additional W>23Ce¢ carbides in W-containing steels. The simulations of Srinivas
Prasad et al. [7] were carried out on conventional P91 and P92 steels with similar composition
to the 9Cr-1Mo (OW) and 9Cr-0.5Mo-1.8W materials of Park et al. [12]. The volume fraction
of the 1.2W and 2.7W alloy precipitates were estimated using linear interpolation. The
concentration of atoms in solid solution is taken as the nominal concentration minus the
concentration of each element in precipitate form. For M23Cs carbides, the concentration of Cr,
Fe, Mo and W in precipitate form is measured in the work of Park et al. [12], with similar
results observed elsewhere for 9Cr steels [6,61,62]. The resulting estimated chemical
composition in solid solution form is presented in Figure 19.

The initial dislocation density in 9Cr alloys is in the range of 1.6x10* m to 2.65x10' m™
[2,63]. The martensitic lath width for the W-alloys is in the range of 0.3 to 0.5 um [64,65], with
lath width decreasing for increasing W. It is assumed here that the finer distribution of carbides
with increasing W provides improved pinning of LABS, resulting in (i) a finer LAB dislocation
substructure and (ii) an increased dislocation density due to the increased concentration of
LABs.

As W content increases, o-ferrite can form at increased normalisation temperatures. Park et al.
[12] measured a o-ferrite content of approximately 8% in the 2.7W alloy. o-ferrite is effectively
a carbide free region void of a martensitic microstructure and of reduced dislocation density
[8]. Hence, a rule of mixtures model is used here to define the effective yield strength of the
dual phase (o-ferrite and martensite) material:

o, = (1_ fir )O-y,a' + f&—Feo-y,éS—Fe a7

where fs.re IS the volume fraction of o-ferrite and oy, and oys-re are the yield strengths of
martensitic and J-ferrite forms of the alloy, respectively. The dislocation density of the 5-ferrite
region is approximated at 1.0x10% m2 [7] and the concentration of solute atoms is taken as the
chemical composition due to the assumption of a precipitate free zone. The complete set of
microstructural parameters used for the 9Cr steels with varying W content is presented in Table
6.

Figure 20 shows the predicted increase in yield strength with increasing W content at
temperatures of 293 K and 873 K. Close correlation is achieved when compared with measured
data [12]. Figure 20 also includes the yield strength prediction for the 2.7W alloy with 8% ¢-
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ferrite. This is predicted to cause less than 5% difference in yield strength compared to the
prediction without including the effect of o-ferrite. However, the work of Park et al. [12]
illustrates the important role of 5-ferrite on fatigue life in 9Cr steels, with the HAGB interface
between o-ferrite and tempered martensite acting as a preferential site for fatigue crack
initiation. Furthermore, the development of a model with the capability to predict the reduction
in yield strength associated with J-ferrite formation in tempered martensite is critical for
simulating the behaviour of (i) 9Cr welded connections, and (ii) 12-15Cr alloys, where
increased volume fractions of o-ferrite (up to 60%) can form [8] and significantly reduce the
strength of the material.

Figure 21 shows the resulting calculated contributions of the various strengthening
mechanisms for the increasing fractions of W at 873 K (Figure 20). The main factors
contributing to the increase are (i) LAB dislocation substructure and (ii) increased solid
solution strengthening of the W solute atoms. Although Mo and W solute atoms have similar
lattice misfit properties and the Mo equivalent (Moeq) value is approximately constant in all
four alloys, it is predicted that the increase in the concentration of individual W solutes, coupled
with the increased modulus misfit, causes a significant increase in yield strength of the material.

3.5.  The effect of thermal aging and prior creep deformation on yield strength

The effect of secondary phase particle formation, such as Laves phase particles, on the long-
term performance of 9Cr steels has been previously established [66]. The formation of these
particles, which can occur during thermal operation of power plant components, can potentially
increase plastic deformation via a reduction in yield strength and, hence, reduce resistance to
low cycle fatigue deformation under high temperature flexible operation. Coupled with this
evolution of the microstructure is carbide coarsening, dislocation density evolution and
coarsening of the martensitic lath dislocation substructure.

The decrease in yield strength due to thermal aging in a 9Cr-3W-3Co (G115 steel) alloy has
been measured at 923 K by Yan et al. [25], for the chemical composition presented in Table 4.
This reduction of strength occurs concomitant with a significant evolution of the
microstructure, including; (i) a decrease in dislocation density, (ii) martensitic lath widening,
(iii) M23Cs carbide coarsening and (iv) the formation and growth of Fe,W Laves phase
particles, as characterised in detail by Yan et al. [25] (with Fe2W evolution described in Ma et
al. [57]) and presented in Table 7. It is assumed that no coarsening of the thermally-stable MX
carbonitrides occurs and hence, that Z-phase particles do not form during this short test time.

Figure 22 presents predicted effect of aging time on yield strength, including and excluding
Laves phase (FeoW) formation. It is clear that inclusion of Laves phase is critical for accurate
prediction. This demonstrates the key role of W solute atoms and Fe>W precipitation on yield
stress. A small increase in precipitate strengthening is predicted due to the formation of Fe,W
particles. However, Fe;W particles rapidly coarsen and, more importantly, deplete the matrix
microstructure of W solute atoms [57]. This reduction of W solute atoms is the largest single
contribution to the decrease in yield stress for short-term thermal aging.

The decrease in yield strength due to thermal aging (Figure 22) is initially rapid, but then levels
out. This is partly attributed to the Laves phase volume fraction quickly reaching equilibrium
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in 9Cr-3W alloys and the mean Laves phase radius achieving a saturated value. Under such
conditions, the consumption of W solute atoms reduces significantly and hence, a more gradual
decrease in yield stress occurs. The time taken to reach equilibrium decreases with increasing
W (or Mo) content [7]. Saturation of dislocation density evolution and martensitic lath
widening also contributes to the decrease in yield stress evolution rate, but not to the same
extent as the depletion of W solutes.

The role of prior creep deformation is evaluated here via application of the above yield stress
modelling methodology to creep-exposed (i) P91 steel in Figure 23 and (ii) cobalt-modified
P92 alloy (9Cr-1.8W-3Co) in Figure 24. The chemical composition and evolution of the
microstructure of the two materials is given elsewhere [4,6,67].

In Figure 23, the predicted yield strength evolution is shown following more than 100,000 hrs
creep deformation at 873 K. Using the measured ‘as-received’ and post-creep test
microstructural data of Panait and co-workers [4,6], the model predicts a 31% decrease in yield
strength of P91 steel following 100,000 hrs creep testing. The measured reduction in hardness
[68] of a P91 component following 9 years of service at 873 K is 36%, also shown in Figure
23. Under the assumption that yield strength is directly proportional to hardness, this result
demonstrates the capability of the model to estimate the reduction in hardness of 9Cr steels
under service loading conditions.

Figure 24 shows the predicted evolution of yield strength as a function of creep time. The initial
predicted yield stress is in the range of 213 MPa to 220 MPa, consistent with experimental
measurements for 9Cr-1.8W [69]. For the short times considered here, the significant predicted
reduction in yield strength is dominated by creep strain. The evolution of the dislocation
substructure contributes the largest decrease in yield strength, with dislocation density and
coarsening of laths accounting for 55% and 25% of the reduction in shear stress contributions,
respectively. The applied stress of 140 MPa is high relative to typical plant conditions and
hence, over the lifetime of a plant component, thermal stability of the precipitate and solute
microstructure remains a key requirement for plant materials and life prediction of components.
The decreased W content of the cobalt-modified P92 alloy also increases resistance to Laves
phase formation, compared with 9Cr-3W-3Co alloys, and reduces the equilibrium volume
fraction of such particles [7]. Thus, 1.8W alloys are less susceptible to the initial rapid decrease
in yield strength associated with Laves phase formation in 3W alloys as the change in
concentration of W solute atoms is less severe.

4. Conclusions
The key conclusions are as follows:

e A new vyield strength model which captures the interdependencies of different
strengthening mechanisms in 9Cr steels, across a range of temperatures, is presented
and successfully applied to predict various observed phenomena related to the complex
evolution of chemical composition and microstructure.

e The complex microstructure of 9Cr steels, strengthened by dislocations, precipitates,
solutes and high- and low-angle grain boundaries, requires a physically-based yield
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strength model within component life prediction methodologies to account for
microstructure evolution due to interactions of thermal aging, creep, fatigue and
oxidation under next generation service conditions.

A 36% increase in yield strength is observed in cast MarBN compared with rolled P91
steel at 873 K. The proposed new vyield strength model predictions show that this
increased strength is due to (i) improved solute strengthening via W solute atoms and
(i) a more refined low-angle boundary microstructure, resulting from a finer
distribution of M23Ce carbides as tungsten increases.

The early onset of FeoW Laves phase formation with increasing tungsten content is
predicted to result in a rapid initial decrease of yield strength under thermal aging
conditions. However, once the equilibrium Laves phase volume fraction is achieved,
the rate change of yield stress is predicted to reduce significantly. These predictions are
consistent with measured observations.

It is shown that for high (3% wt) tungsten 9Cr steels, significant short-term degradation
of yield strength occurs under high temperature conditions due to reduced tungsten-
solute strengthening and formation of Fe,W Laves phase precipitates. In contrast, for
lower tungsten (<1.8% wt.) 9Cr steels, short-term (high temperature) degradation of
yield strength is dominated by strain-induced low-angle boundary coarsening and
decreased dislocation density.
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Appendix A: Radii and particle spacing in multi-precipitate type microstructures

For m particle types, the total number of particles per unit volume is defined as:

m 3 m f
N=> N =—)» K Al
kz;_ K 472' K=1 rk3 ( )

where the subscript k denotes each precipitate type in that region, f« is precipitate volume
fraction and r is the mean precipitate radius. With reference to the simple geometry of Figure
A1, the number of particles per unit volume is inversely proportional to /3, such that the mean
spacing of obstacles is defined as:

A
(5] 5 &

where the subscript i = BND, INT denotes the boundary and LAB interior regions, respectively.
The equivalent radius, ri, for each region is then defined as:

m -
= fi”{Z—Z} (A3)

=g

To enforce the assumption that carbides are dispersed along GBs only in the ‘as received’
microstructure of 9Cr steels, the volume fraction of carbides is modified to the equivalent
volume fraction f_ = f, /(fg + fw) [27]. The above approach can also be easily extended to

account for Laves phase and Z-phase particles which form in 9Cr steels as a function of thermal
aging.
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Tables

Table 1: Elemental constants for solid solution strengthening [38].

Element b (nm) u (MPa) v(-)
Al 0.2863 26.2 0.35
Co 0.2507 82 0.31
Cr 0.2520 115.3 0.21

a-Fe 0.2482 81.6 0.29

y-Fe 0.2503 81.6 0.29
Mn 0.7718 79.5 0.24
Mo 0.2725 125.6 0.31
Nb 0.2858 37.5 0.4
Ni 0.2492 76 0.31
Si 0.3830 39.7 0.42
Ti 0.2951 45.6 0.32
\Y/ 0.2624 46.7 0.37
W 0.2741 160.6 0.28

Table 2: Numerical constants for bce and fcc phases.
Phase bcc Fcc Source

01 0.2 0.5 [39]

M 2.9 3.06 -

a 15 4.4 Fitted

® 10 11.3 Fitted

Table 3: Chemical composition of low carbon alloys in wt.% [22,49].

Material C Mn Ni P S Si
Fe-1.5Mn - 15 - - -
Fe-23Ni <0.01 <0.01 23 0.002 0.003 <0.005
Fe-0.2C 0.18 0.02 - 0.001 0.004 0.006
Fe-0.2C-2Mn  0.206  2.017 - 0.0004 0.0007 0.011

Table 4: Chemical composition of P91 steel, MarBN [8] and G115 [25] steels in wt.%. The balance is made-up of Fe.

Al B C GCo Cr Mn Mo N Nbo NP SV W
POl 0.007 01 848 042 004 0058 0073 019 0013 026 0204

“?%Eﬁ)N 0.0047 0074 2.91 877 048 0.0011 0.046 030 018 2.85
“{':1;3;\' 0.018 0081 310 9.08 051 0.065 0.055 031 020 313
G115 0.013 0.076 2.99 8.83 0.014 0.042 019 311
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Table 5: Identified microstructural parameters for P91 and MarBN alloys investigated here [7,8,12,32].

Material do(un) woun) () [ce T e e e
Po1 6.7 0.7 1.6x10% 50 2.02 10 0.09 14.5 0.4
MarBN 14 0.325  2.65x10%* 83 2.07 7 0.076 20 0.023

Table 6: Microstructural parameters of the 9Cr-Mo-W alloys.
9Cr-0.8Mo- 9Cr-0.5Mo- 9Cr-0.1Mo-
Parameter 9Cr-1Mo 12w 1.8W 2 W
MOeq
(Mo+1/2W) 1 1.4 1.4 1.45
p 1.6x10%* m 2.22x10%¥ m?2  256x10¥m?  2.65x10' m?
'v23ce 95.0 nm 85.0 nm 83.5nm 82.5nm
'NbC 45.1 nm 28.2 nm 26.8 nm 23.9nm
rvN 16.2 nm 10.6 nm 9.7 nm 10.9 nm
fm23ce 2.09 % 2.27T % 2.36 % 2.49 %
fabc 0.07 % 0.08 % 0.09 % 0.10 %
fun 0.21 % 0.25 % 0.28 % 0.31%
w 0.5 um 0.418 um 0.371 um 0.3 um
dv () 3.5um 3.5um 3.5um 3.5 um
dg (o-ferrite) - - - 4.5 um
- - - 8 %

fs-re (0-ferrite)

Table 7: Measured evolution of key microstructural parameters under thermal aging in alloy G115 [25,57].

Time 0 hr 300 hr 1000 hr 3000 hr
p 2.65x10% m 2.16x10% m 1.88x10* m 1.87x10* m
'v23cs 100 nm 110 nm 120 nm 155 nm
re 0nm 130 nm 145 nm 185 nm
fm23ce 1.13% 1.18% 1.30% 1.29%
fLp 0% 1.72% 2.45% 3.09%
w 0.330 um 0.350 um 0.393 um 0.404 um
dg 6 um 6 um 6 um 6 um
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Figure 1: Hierarchical microstructure of 9Cr steels.
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Figure 2: Identified temperature-dependence of the Hall-Petch exponent in pure Fe.
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Figure 3: Schematic representation of the mean slip length for (a) martensitic lath and (b) subgrain microstructures.
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Figure 4: Schematic representation of the determination of the mean solute spacing, lo, for (a) a 4x4x4 atoms unit cell (nc®
system, where nc = 4) with ¢ = 12.5 at.% and (b) for an infinite system. For simplicity, the model is illustrated for a simple
cubic system and is presented in 2D format. Numerical calculations are carried out on a 3D system.
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Figure 5: Comparison of the predicted (using a rule of mixtures approach) and measured values of the magnitude of Burgers
vector in an fcc Ni-alloy as a function of Fe concentration. The measured values are determined using lattice parameters
obtained from the XRD analysis [44].
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Figure 6: Identification of the Hall-Petch constant for Ni alloy from the measured data of Thompson [45] and Keller and Hug
[46].
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Figure 7: Measured (open symbols) and predicted (solid lines) increase in yield strength associated with the addition of up to
8 at.% substitutional solid solution strengthening in Ni for (a) Group 4, 5 and 14 elements, (b) Group 6 elements, (c) Group 7-
9 elements and (d) comparison of the measured and predicted yield strength correlation of all Ni alloys within a factor of 1.15.
The measured yield strength data is obtained from [41].
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Figure 8: Comparison of (a) predicted and measured yield strength in ferritic (Fe-Mn(Low p), Fe-Mn(High p)) and martensitic
(Fe-Ni, Fe-Ni(HAGB)) alloys and (b) breakdown of the shear stress components contributing to yield strength. The increase
in Fe-Mn(High p) compared with Fe-Mn(Low p) is attributed to the increased dislocation density. The significant increase in
yield strength of Fe-23Ni compared with Fe-1.5Mn is attributed to the hierarchical microstructure (LAB and improved
dislocation strengthening) and increased substitutional solute strengthening. The effect of HAGB strengthening is successfully
predicted via the comparison of yield strength in the martensitic alloy with (Fe-Ni(HAGB)) and without (Fe-Ni) a HAGB.
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Figure 11: Measured tensile response of P91 steel across a range of temperatures.
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Figure 12: Comparison of the measured tensile response in rolled P91 and cast MarBN at 873 K and applied strain-rate of 0.33
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Figure 13: Optical microscope image of the high-angle grain boundary microstructure in (a) rolled P91 and (b) cast MarBN.

The arrows demarcate a prior austenite grain boundary.

Figure 14: TEM image of the martensitic lath microstructure of cast MarBN.
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Figure 15: Calculated substitutional solid solution contributions to shear stress at 273 K and 873 K as well as associated
composition (at.%) in solution for (a) P91 and (b) MarBN (composition in solution determined using ThermoCalc [56]).
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Figure 16: Temperature-dependent (a) shear modulus for P91 and MarBN steels and (b) Poisson's ratio for Fe. The Poisson’s
ratio is determined based on bulk and shear modulus data of Sha and Cohen [58].
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Figure 17: Comparisons of predicted and experimentally measured yield strengths of P91 and cast MarBN alloys as a function
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Figure 18: Temperature-dependent shear stress contributions of different obstacles to yield strength in MarBN alloy.
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Figure 19: Estimated chemical composition in solid solution form in the 9Cr-Mo-W alloys.
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Figure 20: Comparison of the measured [12] and model predicted increase of yield strength as a function of W content at (a)
293 K and (b) 873 K. The dashed line illustrates the yield strength prediction including 8% ferrite for the 2.7W alloy.
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Figure 21: Contributions of the various obstacles to yield strength as a function of W content (wt.%) in Figure 20 at a
temperature of 873 K. The 2.7W(3)’ case represents the breakdown of a 100% o-ferrite alloy with the composition of alloy
2.7TW.
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Figure 22: Measured [25] and model predicted decrease of yield strength in a 9Cr-3W-3Co alloy thermally-aged at 923 K. A
prediction without the effect of Laves phase (No Laves) formation is also included.
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Figure 23: Model predicted yield stress evolution following 100,000 hrs creep deformation and measured [68] 9 year service
reduction in hardness of P91 steel at 873 K.
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Figure 24: Effect of microstructural evolution on predicted yield strength in a cobalt-modified P92 alloy under creep
deformation at 923 K and an applied stress of 140 MPa. The creep strain data is obtained from [67].
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Figure Al: Schematic representation of the precipitate spacing geometric model.
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